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ABSTRACT: The crystallization and melting of the a1 form of isotactic polypropylene (iPP) was studied
with molecular dynamics (MD) simulations, using a fully flexible force field representing the C and H atoms
atomistically and the CH3 groups as united atoms. Initially, a model crystal lattice of iPP of infinite molar
mass was generated from experimental diffraction data, adding the pendant and geminal hydrogens. Next,
crystal configurations of finite molar mass were created from this initial model lattice, and it was verified that
the force field could preserve the crystal structure, keeping intact the monoclinic symmetry of the crystal. The
generated configurations were heated under isobaric conditions, until a first-order transition into the melt
state took place. The density change upon melting and the enthalpy of melting were estimated as differences
between well-equilibrated ensembles of crystal and melt configurations. In order to calculate the equilibrium
melting temperature Ty,, composite (sandwich) configurations consisting of both melt and crystal subdo-
mains in contact with each other were generated and subjected to a series of isothermal—isobaric simulations
ata variety of temperatures. T}, was determined as that temperature where none of the phases in the sandwich
grew at the expense of the other. As proximity to the glass temperature 7, made the dynamics of crystal
growth very sluggish, a constraining potential inducing helical conformations along the chains was
introduced to accelerate crystallization. Using a novel Gibbs—Duhem integration scheme that utilizes data
from both sandwich and single-phase solid and liquid simulations, results for equilibrium solid—liquid
coexistence were extrapolated to zero constraining potential. An accurate estimate of 7, was thereby

obtained.

I. Introduction

Semicrystalline polymers, such as polyethylene (PE), polypro-
pylene (PP), and poly(ethylene terephthalate) (PET), play a very
important role in contemporary life." Their physical properties
depend sensitively on their complex morphology, often charac-
terized by a hierarchy of structures, which are shaped by their
chemical constitution and the processing conditions to which
they are subjected. This explains the extensive research work that
has been devoted to both experimental and modeling studies of
crystallization in quiescent and flowing polymer melts.'

In recent years, computer simulation has emerged as a promis-
ing avenue for predicting structure—property—processing—
performance relations in polymers and uncovering the molecular
mechanisms underlying these relations. Despite advances in
computer hardware and simulation algorithms, however, the
crystallization of chain molecules is still a grand challenge for
molecular simulation. It involves the development of complex
structures over a wide range of length scales and, more impor-
tantly, time scales, the latter exceeding by many orders of
magnitude the time scales (typically microseconds) that can be
accessed by conventional atomistic simulation techniques.
Coarse-graining of the representation invoked in simulations
could offer a way out and has been practiced fruitfully.” ® In
general, however, coarse-graining is much less forgiving in the
crystalline, than in the amorphous, phase. Molecular details exert
a decisive influence on the packing of macromolecules in crystal-
line domains and hence on the hierarchical structures that
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develop upon crystallization and on the phase transitions asso-
ciated with melting. Thus, detailed atomistic simulation has to be
invoked at some point, if quantitative prediction of polymer cry-
stallization phenomena is desired.

A simple problem one can pose for atomistic simulation,
whose solution is a prerequisite for addressing more complex
aspects of polymer crystallization, is the following: Given a mole-
cular model for an oligomer that yields good predictions for
structure, thermodynamics, and dynamics in the melt state, can
one predict the melting point 7, at which thermodynamic equili-
brium is established between the solid and liquid phases of the
oligomer, and the changes in thermodynamic properties upon
melting? This problem has been addressed with considerable
success for oligomers of polyethylene,”® which crystallizes in an
all-trans conformation. In this paper we try to address it for
isotactic polypropylene, a polymer which crystallizes in a helical
conformation and whose sluggish crystallization dynamics poses
a severe challenge for molecular simulation.

Isotactic polypropylene is composed of a racemic mixture of
chiral chains;” it contains left-handed and right-handed helices
coexisting in equal numbers in its crystalline form. Its properties
are greatly affected by the crystallization process, which can
produce four different crystal forms:'’ at, B, v, and a smectic one,
which is a combination of the other three. All these various forms
(phases) exist due to the different ways of packing the chiral
chains. All forms exhibit a 3-folded (3;—3 monomer units per
turn) helical structure with standard repeat distance (identity
period) of 0.65 nm. The a form can be distinguished further into
the al and a2 forms, with the latter being the more stable of the
two. Here we focus on the ol structure, which is the simpler of the
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two, containing chains only in the “down” configuration.'®!!
How this complex crystal structure is formed during crystalliz-
ation from the melt is still a puzzle to researchers after more than
50 years, even though extensive studies have been reported.'*
In this paper we present results from atomistic MD simulations
aimed at studying the properties of iPP in both the melt and in the
ol crystal states, as well as in biphasic systems composed of these
two states, using a realistic, fully flexible molecular model. We
study both melting and crystallization processes, with emphasis
on a reliable prediction of thermodynamic properties character-
istic of solid—liquid equilibrium, namely the melting point and
the enthalpy and volume of melting. Thus, our work has a
different focus from the very interesting earlier simulation work
of Yamamoto,>'? which emphasized the order—disorder transi-
tion with respect to helix handedness that precedes melting, using
simplified models. To our knowledge, it is the first time that
solid—liquid equilibrium is explored quantitatively with atomistic
simulations for a molecule exhibiting helical conformations in the
crystalline state. In order to overcome the challenge of the time
scales of the crystallization process, which are enormous for this
polymer in relation to the times that can be addressed by con-
ventional MD, we introduce a novel bias method. In this method,
a constraining force field is applied on all backbone carbon
atoms, encouraging the adoption of helical conformations. The
equilibrium melting point is computed at high values of the field,
for which solid—liquid equilibrium is readily established. Then,
the melting point is computed at progressively lower values of the
field via Gibbs—Duhem integration. Integration down to zero
field value yields a realistic estimate of the melting point.
Computer time limitations force us to work with an oligomer
of iPP, of degree of polymerization 17. Although higher than used
in most previous simulations of crystallization and melting, >’
this chain length does not allow us to study metastable states with
chain folding that are characteristic of long-chain polymer
crystals. We note that such folded states have been examined in
the context of coarse-grained simulations.>* The work reported
herein is complementary to coarse-grained simulation work, since
it proposes a methodology whereby the thermodynamics of
melting can be reliably predicted from a detailed molecular model
of the polymer.

I1. Previous Work

A. Melting. The study of polymer melting is not new.
Thorough experimental investigations of melting have been
conducted on alkanes'* as well as polyethylene'> and
polypropylene.lé_18 Molecular dynamics studies of meltin%
have been carried out on alkanes'** and on polyethylene.”
We are not aware of past atomistic simulations of melting
in iPP.

B. Crystallization. The study of polymer crystallization is
not new, either. One can find extensive experimental studies
on iPP either of crystallization itself** % or of both crystal-
lization and melting.”?° Several simulation approaches
have been re})orted, aimed at studying crystallization in
polyethylene™® 3% as well as in alkanes.*®”*° Both Monte
Carlo and MD simulations have been enlisted in these
studies. An effective method’ for predicting the melting point
of alkanes by equating chemical potentials between the
liquid and solid phases has been presented by Doye and
Frenkel. In that work, an Einstein crystal is used as a refer-
ence for computing chemical potential in the solid state. An
atomistic Monte Carlo simulation study of the amorphous
area between crystalline lamellae of isotactic polypropylene
has been presented by Kuppa et al.** Also, there was a 2-D
simulation of the crystallization of iPP which is suggested
to be operative in the 3D growth front of iPP crystals.*!
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Recently, we became aware of a thorough united-atom simu-
lation work in which both nucleation and crystal growth of
octane were studied.® Coarse-grained simulation approaches
to crystallization have appeared. Of particular relevance to
this work are the simulations** of Haliloglu and Mattice on
polypropylene crystallization, in which a second-nearest-
neighbor diamond lattice model was invoked. The crystal-
lization process not only is observed in synthetic polymeric
materials but also is of interest in living organisms with
applications to molecular biology, medicine, pharmacology,
food chemistry, and nanoelectronics.**~*® The similarities
found between the mechanism of the crystallization of
synthetic polymers and biological structures can provide
insight for understanding the latter.

The theory® which has been developed for understanding
the mechanism of the crystallization of polymers discerns
many steps, of which the three most important are (i) nucle-
ation of lamellae, (ii) increase of the thickness of the lamellae,
and (iii) kinetics in the growth front. Many approaches have
been proposed for a quantitative description of these steps,
and long-standing debates have arisen in the field. The
development of the theory of polymer crystallization will
not be discussed further here. We just mention a main differ-
ence between the crystallization of small molecules and that
of polymer molecules. For the latter, and for common mole-
cular weights, the radius of gyration R, of a polymeric mole-
culeis larger than the critical size r. for the growth of a crystal
nucleus. As a result, one polymer molecule can participate in
more than one crystal nuclei. We also mention the work®” of
Strobl, who speaks of a liquid—liquid separation preceding
polymer crystallization.

In general, crystallization from the melt can be distin-
guished into two different processes, namely (i) nucleation
and (ii) crystal growth. The computational work presented in
this article focuses on growth as opposed to nucleation. It
aims at developing and implementing a computational strat-
egy, based on molecular dynamics, whereby solid—liquid
equilibrium can be reliably explored with an atomistic poly-
mer model.

II1. Method

A. Construction of Unit Cell for Crystal of Infinite Molar
Mass. In the present paper we deal with the al form of iPP.
An initial set of atomic coordinates in the unit cell of iPP can
be found in the original paper*® of Natta and Corradini, who
discovered iPP. In later studies® these coordinates were
refined. It was also shown that the o form of the crystal
actually consisted of al and a2 forms, both belonging to the
monoclinic system.’® The crystal lattice of the ol form was
found to belong to the C2/c space group, with unit cell con-
stantso. = 6.63 A, b =20.78 A, and ¢ = 6.50 A and angles a. =
y =90°, f =99.5°. One unit cell consists of 4 3-folded pieces
of chains, each contributing 9 carbon atoms (6 skeletal
carbons and 3 carbons belonging to pendant methyl groups)
to the unit cell. The chain conformation for the unit cell
follows the pattern Rdw, Ldw, Rdw, Ldw, with L meaning
left-handedness, R meaning right-handedness, and dw being
an abbreviation for the word down (Figure 1). In order to
construct the unit cell with all the chains from the crystal-
lographic data,* including the hydrogens connected to the
backbone atoms, the following procedure was used:

(1) We start with the dimensionless coordinates (Table 1) of
one of the chains in the unit cell, based on experimental
diffraction data corresponding to the monoclinic system.
Applying the symmetry operations (Table 2) of the crystal
structure, the other chains are formed.
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Figure 1. The 96 chain—17mer system we used for our simulations, as created from crystallographic data. The system is viewed down the ¢ cry-
stallographic axis. With triangles are shown the left and right orientations of chains (from the left-hand side of the figure, L R L R), while arrows
indicate the down direction. The rectangle outlines the projection of an ol unit cell. The x- and y-coordinate directions are shown on the left-hand side

of the figure.

Table 1. Dimensionless Coordinates Used for the Formation of the
ol Crystal of iPP (Ref 49)

X Y V4
—0.0727 0.2291 0.2004
—0.0765 0.1592 0.2788
—0.1021 0.1602 0.5098
—0.3087 0.0589 0.4941
—0.1146 0.0928 0.6057
—0.1044 0.0854 0.8428

0.2775 0.0797 0.9260
0.0872 0.1156 0.9730
0.1026 0.1221 1.2109

(ii) Every dimensionless coordinate along each crystal-
lographic axis is multiplied by the corresponding lattice
parameter. After doing so, each coordinate is expressed as
a length in the monoclinic system.

(iii) Then, a transformation from the monoclinic system to
an orthonormal frame of reference takes place, taking into
account that the angle between axes a and ¢ is different from
90°. Axes x and y of the orthonormal system are taken along
unit vectors a and b of the unit cell, while axis ¢ of the unit cell
isin the zx plane, butinclined by 9.5° with respect to the z axis
toward the negative x semiaxis. Thus, for each position
vector we add the projection onto the a axis of its component

Table 2. Space Group and Symmetries of al iPP (Ref 49)

space group C2/¢
symmetries X Y V4
X -Y —Z
X -Y+40.5 Z+40.5
-X Y+0.5 —Z+05

along the ¢ axis to its component along the a axis of the
previous step in order to form the x-coordinate in the
orthonormal frame. We also project the component along
the ¢ axis onto the z axis to form the z-coordinate in the
orthonormal frame. The two coordinate frames used are
explained in Figure 2.

The construction of the hydrogens was performed follow-
ing ref 51. Equations 1—4 of that reference were used to
determine the position vectors of the hydrogens from those
of the carbon atoms. Since our chains are isotactic, the
coefficients ¢ appearing in these equations are the same
throughout a chain. A C—H bond length of /iy = 0.11 nm
and an H—C—H bond angle of 6 = 1.28 rad were used in the
crystal construction.

B. Force Field. For the molecular dynamics computations
a fully flexible model was used, which allows the stretching of
bonds, bending of bond angles, and twisting of dihedral
angles with time.
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Our force field follows closely the flexible force field
proposed by Logotheti and Theodorou.”® The origins of
this force field lie in the early molecular mechanics work
on PP by Theodorou and Suter,”® which was extended
to molecular dynamics by Sylvester, Yip, and Argon.>
Each PP chain is represented as an assemblage of explicit
carbon (C) and pendant hydrogen (H) atoms, while methyl
groups (R) are lumped into united atoms. Antoniadis,
Samara, and Theodorou">® refined this model and im-
plemented it in connectivity-altering Monte Carlo and
MD simulations of atactic, isotactic, and syndiotactic
polypropylene. In contrast to the model of Antoniadis
etal.,’! the model of Logotheti and Theodorou® was fully
flexible (i.e., it did not employ holonomic constraints for
the bond lengths).

The minor modifications we introduced here to the PP
model of Logotheti and Theodorou®? were solely intended to
facilitate its implementation within the Gromacs® computa-
tional environment. We did not use a quintic spline for local
interactions.

The force field we employed was of the general form

Vi = o+ Vat Tat 713 (1)

The bond stretching potential 7/, consisted of additive
distance-dependent contributions from all pairs of bonded
atoms, of the form

1
Vo(ry) = 5 ki(ry = by)’ (2)

with k}} being the spring constant and b; the equilibrium
bond length for the type of bond considered. Three types of
bonds were considered for PP (see Table 3).

The bond angle bending potential 7/, consisted of con-
tributions from all triplets of atoms i, j, k connected by two
bonds ij, jk of the form

1
7a(Oj) = §k3’k(9ijk = ) ®)

with kfjk being the bond angle bending spring constant and
Gg»k the equilibrium bond angle. Eight types of bond angles
were considered for the finite molar mass and seven for the
infinite molar mass iPP systems, the latter lacking R—C—R
bond angles which are present at the ends of the former (see

Table 3).
les b
@ LY om
X

a (x)

Figure 2. Orthocanonical (a) and monoclinic (b) coordinate frames,
with the latter displaying an angle § = 99.5° between axes a and ¢. The
chain axis is parallel to the ¢ vector.
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A 3-fold intrinsic torsional potential involving four adja-
cent backbone atoms i, j, k, / was associated with all
nonterminal dihedral angles, contributing to the potential
term 7/4:

Va(@jr) = ko{l = cosln(e = )]} (4)

where 2k, is the torsional barrier, n = 3 is the multiplicity of
the force field (number of local minima) with respect to a
dihedral angle (in our case at dihedral angles of —120°,
0°, +120°), and ¢ is a constant, which determines at which
torsional state the dihedral angle is taken as zero (here ¢
is 0°, which corresponds to the trans rotational isomeric
state).

Nonbonded interactions (term 77y) are active between all
pairs of sites (H, C, R) that are more than two bonds apart in
the same chain or belong to different chains. These are
described by a 12—6 Lennard-Jones potential and, following
refs 51 and 52, are distinguished into two categories: local
and nonlocal. Local interactions act between sites that are
three (1—4 interactions) or four (I1—>5 interactions) bonds
apart along the same chain. Nonlocal interactions act be-
tween sites of the same chain that are more than four bonds
apart or between sites belonging to different chains. Given
the three types of interaction sites, there are six types of local
and six types of nonlocal interactions. Each has its own force
constants o; and ¢ (see Table 4):

12 6
/LI _ g\ _ [T
75 (ry) = ey (;) <r—”> (5)

Nonlocal Lennard-Jones interactions between all pairs of
atoms are modified beyond r; = 1.450r g and are brought
smoothly to zero>® at r» = 2.330r_g. 1 and r» were made
dependent on og_g for all site pairs, unlike previous work,>?
because of a limitation imposed by the simulation package.
Since the largest o; value was used (or_gr), interactions
computed with the current force field differed only little
from those computed with the force field of ref 52. In
between r; and r,, the potential is brought smoothly to zero

Table 4. Parameter Values of Force Field for the Nonbonded
Interactions

interaction type HH HC HR CC CR RR

local interactions [1—4 (3 bonds), 1 —5 (4 bonds)]

0 (nm) 0.2316 0.2762 0.2940 0.3207 0.3386 0.3564

g; (kJ/mol)  0.3193 0.3352 0.4305 0.3519 0.4519 0.5808
nonlocal interactions (> 1—35, intermolecular)

0 (nm) 0.2551 0.3042 0.3195 0.3533 0.3686 0.3838

g; (kJ/mol)  0.1849 0.1950 0.2690 0.2054 0.2833 0.3912

Table 3. Parameter Values of Force Field for the Bonded Interactions

bonds CH

k% (kJ/(mol nm?)) 669888

by (nm) 0.10990

bond angles’ HCH HC,C HC.C
k. (kJ/(mol rad?)) 329.920 398.579 398.579
6% (deg) 110.099 109.950 108.077
dihedrals RCCC

k, (kJ/mol) -

@5 (deg)

n

CcC CR
334944 334944
0.14712 0.15065
HCR CC.C CC,C CCR RCR
398.579 604.580 604.580 604.580 604.580
110.271 107.590 111.039 111.526 117.790
cccce CCCR
5.86150 -
0.0
3

“C, and C, denote an achiral and a chiral skeletal carbon atom, respectively.
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using a fifth-order polynomial (quintic spline,>® switch function).
This function is given by the following equation

(/}/LJ
14+ (34 (ro— 1) (//1LJ &
1

(///LJ L \2 (////LJ
+<6+3(r2—r1) Ly e A el (g

o )LJ gL
Z 2 gk

(//nl-spline(r) = (/)%](1 - 5)3

where & = (r — r1)/(r, — r;) and 7, 7/ “and 7/ stand for
the values of the Lennard-Jones pair potential function and its
first and second derivatives with respect to distance at r = ry.
Because the pair potential is modified beyond r4, a tail correction
should be added to the total potential energy. The tail correction
is obtained by integration of the difference between the full
Lennard-Jones and the modified potential (eq 6) from r| to
infinity for all pairs of interaction sites present in the system.™ In
computing tail corrections to the energy and pressure, pair
distribution functions were assumed to equal 1 for all site pairs
beyond ry.

To recapitulate, the nonbonded potential of our force field
is described by the following equation:

(//LJ = {//1 -4+ (//1 -5+ (//nonloca‘l + ﬁ/}nlfspline + (//nl—tails

(7)

The parameters of the flexible force field we employed in
eqs 2—5 for the polypropylene chains are given in Tables 3
and 4.

We note that in some simulations some of the crystal
chains were held stiff, while in others an additional intramo-
lecular potential encouraging helical conformations was
employed, as detailed below.

C. Computational Tools. For our MD simulations we
used the open source simulation package GROMACS
(Groningen Machine for Chemical Simulations), from
version 4.0 onward. Most of the simulations took place
with version 4.3. The simulations were carried out on a
Beowulf cluster with 98 processors in total made up of 12
nodes, 9 of them consisting of two quad-core Xeon cpus at
2.66 GHz and 16GB RAM (72 processors) and 3 of them
consisting of two quad-core Xeon cpus with hyperthread-
ing technology at 2.27 GHz and 8GB RAM (24 proces-
sors), coordinated by one master node Xeon dual core
CPU at 3 GHz and 4GB ram (two processors).

In the MD simulations, the initial velocities of all atoms
were generated from the Maxwell—Boltzmann distribution
according to the desired temperature, and the equations of
motion were integrated using the Verlet leapfrog algorithm
with an integration time step Az of 1 fs. For the interaction
list generation, the grid search method was used every 5 or 10
steps. Energy minimizations were performed with the stee-
pest descent method. MD simulations were carried out in the
isothermal—isobaric (NpT), canonical (NVT), and isother-
mal—isostress (NoT) ensembles, as well as in an ensemble
where a system cross section is fixed by keeping the periodic
continuation vectors along its edges fixed, while the third
continuation vector is allowed to fluctuate in length, subject
to a fixed normal pressure (Np,.beT simulation). To fix the
temperature at a prescribed value, the Nosé—Hoover®’
thermostat was used, while pressure and stress were kept
constant using a Berendsen® barostat and the Parrinello—
Rahman® method, respectively. The time constants asso-
ciated with the thermostat and the barostat equaled 0.1 and
1 ps, respectively. A compressibility equal to that of water
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Figure 3. One 3-folded chain of the crystal isolated, showing the step of
the helix being by, = 0.65 nm. One monomer unit of the chain is encircled.
In white are depicted the hydrogen atoms, in light blue the backbone carbon
atoms, and in light green the methyl side groups.

(4.5% 107> bar~ ') along all directions was used in the Gromacs
implementation of the Parrinello—Rahman algorithm. Simu-
lations were performed mostly at 1 bar and at temperatures
ranging from 250 to 760 K.

The systems simulated were of various molar masses and
sizes. Constituent chains were symmetric, of the type R—
(CHR—CH,),—1—CHR,. With the exception of the infinite
molar mass crystal (no chain ends), chain lengths were in all
cases below the entanglement®® molar mass (M. = 7000 g/
mol). The system size ranged from 96 (single-phase, inde-
pendent crystal and melt systems) to 192 chains (sandwich
systems). In most calculations, the degree of polymerization
was x = 17 (molar mass 42x + 16 = 730 g/mol), which
amounts to 6x — 1 = 101 interaction sites per chain. The
choice of x = 17 was motivated by the availability of
experimental measurements of 7}, for oligomeric iPP of this
length.®' Clearly, long chains are desirable for simulation
predictions to be relevant to commercial iPP. On the other
hand, long chains necessitate the use of very large model
systems, in order to avoid artifacts associated with the
periodic boundary conditions, which can stabilize the crys-
talline phase. Large model systems require proportionally
large computer time to be simulated. A chain length of 17
was found to offer a good compromise between relevance
and computational tractability. The total number of sites in
the single-phase and sandwich systems was 9696 and 19 392,
respectively. The mean edge lengths of the simulated systems
at equilibrium at 1 bar and 400 K along the a, b, and ¢
directions were 5.41, 6.36, and 3.97 nm for the pure crystal
phase and 11.45, 6.37, and 3.99 nm for the sandwich,
respectively. These system sizes were computationally tract-
able and at the same time yielded predictions that were free of
system size effects. Trial runs with a sandwich system
doubled in size gave practically the same melting tempera-
ture. Each MD simulation took from some minutes to a
couple of days real time.

D. Construction of Crystalline Configurations of Finite
Molar Mass. Crystalline configurations of finite molar mass
were derived from the infinite molar mass al crystal dis-
cussed in section I11.A by excising —(CHR)— sections from
specific positions along the infinite chains and converting the
skeletal carbons to which these sections used to be connected
into terminal R groups. First we decide how many unit cells
the model system will encompass in the x and y directions.
This determines the number of chains going through each xy
cross section of the model system. For our 17mer—96 chain
system (Figure 1), the number of unit cells was chosen as §
and 3 along the x and y axes, respectively. As discussed in
connection with Figure 2, the x and y axes are directed along
the a and b crystallographic axes, respectively. The length of
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Figure 4. Part of the infinite molar mass ol crystal, which was excised
so as to create the finite 17mer crystal system. The sites indicated by the
arrows were converted from carbons to united-atom methyl groups.

the monoclinic simulation cell along the ¢ direction, which is
inclined by 9.5° with respect to the z axis of an orthonormal
frame of reference, controls the degree of polymerization of
the chains. To obtain a 17mer crystalline model system
(Figure 3), we constructed 6 unit cells along this axis, added
the hydrogens as described in section III.A, and then re-
moved a —(CHR)— group from each of the 96 chains
present, thus forming a lamella of finite thickness along the
c-direction, characterized by periodic boundary conditions
along a, b, and ¢. As mentioned above, all carbons flanking
the excised groups were converted to methyls, such that the
finite chains all terminated in —CHR; groups (see Figure 4).
Following the excision and chemical mutation of terminal
atoms, the configuration was subjected to energy minimiza-
tion and then to Parrinello—Rahman MD at | bar and 250 K
for 2 ns. Thus, the finite molar mass crystal was allowed to
equilibrate subject to the force field described in section III.
B. After this equilibration, the closest distance between R
groups belonging to different lamellae increased from its
initial value of 0.267 nm (Figure 4) to 0.350 £+ 0.08 nm.

E. Generation of Sandwich Model Systems. A very impor-
tant role in our investigations of solid—liquid equilibrium is
played by our sandwich configurations, in which solid and
liquid subdomains are brought into molecular contact. What
we call a sandwich system is essentially a set of alternating
slabs of crystalline and amorphous material, characterized
by periodic boundary conditions in all three directions.
Extreme care was taken in order to ensure that the two
subsystems comprising the sandwich are equilibrated and
free of defects.

Sandwich model systems were characterized by monocli-
nic periodic boundary conditions identical to those of the ol
crystal. Two types of sandwich model systems were studied:
one in which the solid/liquid interface was parallel to the be
crystallographic plane, with the lateral surfaces of helical
chains at the edges of the crystalline domain exposed to the
melt; and a second one, in which the solid/liquid interface
was parallel to the ab crystallographic plane, with the ends of
chains of the crystalline domain being exposed to the melt.
Only results from the first type of sandwich system will be
discussed here. The second type of sandwich, wherein the
ends of crystalline chains were exposed to the melt, was
found less prone to crystallize and therefore left for future
study.

For the creation of a sandwich system we adopted the
following procedure:

First, we created a lamellar crystal with a primary simula-
tion box containing 96 17mer chains, as described in section
II1.D. The crystal was equilibrated via energy minimization,
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keeping its edge lengths constant along a, b, and c. After
equilibration, the lamella of crystalline chains was separated
from its periodic images along the a crystallographic direc-
tion, creating a crystalline subdomain that was finite along
the a direction and periodically continuous along the b and ¢
directions, with free surfaces parallel to the be plane.

Next, an amorphous (melt) phase was generated within
a monoclinic simulation box characterized by three-
dimensional periodic boundary conditions, whose edge
vectors along the b and ¢ directions were identical to those of
the crystal subdomain with which it would be paired. The
simulation box of the amorphous phase contained an equal
number (96) of 17mer iPP chains as the crystalline subdo-
main. It was generated by melting a crystalline system of the
type described in section I11.D and then equilibrating it via a
~15 ns long NeT MD simulation, during which the edge
vectors of the simulation box fluctuated. This simulation of
the melt phase was of value in its own right in our strategy for
determining 7', (see section II1.F). It also served as a starting
point for generating the liquid subdomain of a sandwich
system, as follows. The final configuration from the melt
NoT MD simulation was subjected to energy minimization.
Subsequently, the periodic continuation vectors of the amor-
phous simulation box along b and ¢ were modified in small
steps, with each modification being followed by an energy
minimization of the amorphous system, until b and ¢ became
identical to those of the a1 crystal. Vector a was also adjusted
in these successive minimizations, to ensure that the amor-
phous configuration always retained the same density as the
initial one, which was equilibrated with NeT MD. After
imposition of the crystal b and ¢ vectors on the amorphous
phase, as described above, the primary amorphous box was
separated from its periodic images along the a direction,
giving rise to a slab of amorphous polymer that was periodi-
cally continuous along the b and ¢ directions, but finite along
the a direction. The slab consisted exclusively of entire
chains; if a chain started within the primary simulation
box, it was included in the slab in its entirety, i.e., without
being truncated and periodically continued across the faces
parallel to the be plane. As a result, while the slab density was
close to the experimental melt density in its middle region,
the regions close to its two surfaces were sparse, consisting
largely of tentacles of chains protruding into vacuum. Sub-
jecting this slab of finite thickness to energy minimization
brought about considerable retraction of the tentacles and
densification of the surface regions. This energy-minimized
slab served as our initial configuration for the liquid polymer
subdomain of the sandwich.

The energy-minimized crystalline and amorphous subdo-
mains were brought next to each other, such that their edge
vectors along the b and ¢ directions coincided and their edge
vectors along the a (x) direction fell on the same line. Periodic
conditions along all three directions were imposed on the
composite system. The two subdomains were placed at some
distance from each other along the x axis to avoid excluded
volume overlaps between crystalline and amorphous chains
(see Figure 5a,b). Clearly, the gaps present between the
subdomains at this stage have to be closed and the two
phases have to be brought into molecular contact. To
accomplish this, an Np.,beT simulation of the composite
system under three-dimensional periodic boundary condi-
tions was undertaken, during which crystal atoms were
prevented from moving along the b and ¢ direction by
applying constraints, while being able to move freely in the
a direction. After 2 ns of simulation, both gaps between the
crystalline and amorphous regions were closed and well-
equilibrated interfaces characterized by stable total energy,
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Figure 5. Sandwich system (a) viewed along the y direction just after
the energy minimization process. Crystal and melt subsystems are far
apart. (b) The same system viewed along the ¢ axis of the monoclinic
simulation box (i.e., the axis of the chains in the crystalline domain)
(c) Final sandwich system viewed along the ¢ axis; here, crystal and melt
subsystems have been brought in molecular contact.

density, and pressure tensor profiles were formed on both
sides of the crystalline (or amorphous) subdomain (see
Figure 5c). These equilibrated sandwich structures were em-
ployed as initial configurations in the MD simulations de-
scribed below. We note that a melt domain size of 96 chains
proved sufficient for bulk conditions to prevail in the middle
region of the melt slabs at equilibrium, as evidenced by a flat
density profile at a value indistinguishable from that of the
bulk melt and a flat, isotropic pressure tensor profile in this
region.

F. Solid—Liquid Equilibrium in the Presence of a Constrain-
ing Potential. Gibbs—Duhem Integration. The rate of homo-
geneous nucleation is extremely slow in polymers. Experi-
mentally,®* "% undercoolings on the order of 100 K are
necessary for the emergence of critical nuclei that can lead
to freezing, and molecular simulation can address nucleation
only by invoking techniques for the analysis of infrequent
events. On the other hand, heating a crystal at rates acces-
sible by MD is likely to lead'*'%** to significant overheating
(hysteresis of melting). Given these problems, which are
much more severe in iPP than in polyethylene, the strategy
adopted in this work is to compute solid—liquid equilibrium
by analyzing the phenomenon of crystal growth onto an
already existing crystal facet and of melting of that facet.
Starting from a biphasic sandwich structure, generated as
described in section III.E, and simulating it at 1 bar under a
variety of temperatures, we intend to determine the tempera-
ture below which the solid phase grows at the expense of the
melt phase and above which the melt phase grows at the
expense of the crystal phase. This temperature will be our
computational estimate of the thermodynamic T,,. This
strategy has been emgployed successfully in the case of simple
liquids,“*67 water,’® and n-octane.®

Even this strategy is not straightforward to implement
for iPP. Experimentally, the crystal growth rate for high-
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molar-mass iPP has been reported® "' as 2.2 x 1077 m/s.
This means that, in order to observe growth of a facet by
an average distance of 1 A, one would need to simulate for
450 us, which is prohibitively long for MD simulations on the
computers available today. This leads us to study an oligo-
meric analogue (in our case, a 17mer), in which molecular
mobility should be by several orders of magnitude higher
than in the entangled high-molar-mass melt, leading to a
much larger growth rate. In the case of iPP, however, a
problem arises with resorting to an oligomeric analogue.
For a short chain melt the equilibrium melting goint Tm 1S
lower, coming closer to the glass temperature’>’> T,. (For
iPP, T, = 265 K, exhibiting a weaker dependence on molar
mass than T;,.) Segmental dynamics in the cooled oligomer
slows down precipitously due to the proximity to the glass
transition, narrowing the temperature window over which
crystal growth can be observed by MD simulation. In
practice, no appreciable growth of the crystal subdomain is
observed over MD runs of hundreds of nanoseconds at any
temperature between 250 and 480 K. This leads us to the
idea of introducing a constraining potential encouraging
the chains to register onto the crystal facet. This constrain-
ing potential will, of course, modify the melting point. If we
manage, however, to estimate the melting point reliably for
some value of the constraining potential and have a means
for extrapolating that estimate down to zero constrain-
ing potential, we will have a reliable estimate of 7}, from
simulation.

The constraining potential we devised in this work is a
harmonic potential between all pairs of skeletal carbons
separated by six bonds along a chain, which keeps their
distance close to the value by, = 0.65 nm it adopts in the 3,
helix of iPP. We will call this potential A 7/ops(r), With r
being the vector of Cartesian coordinates of all sites in our
model system. In our case

2x— 7

N
/,{(//constr(r) =1 Z - bpitch)g}

(8)

where N = 192 is the total number of chains in the sandwich
system, x = 17 is the degree of polymerization, the total

1
b _
{5 kCC(|rCr R (O
1 i=1

stands for the position vector of the ith skeletal carbon of the
icnth chain (compare helical conformation of Figure 3). The
spring constant k&c is equal to that used for stretching of
carbon—carbon bonds, listed in Table 3. The coefficient Ais a
coupling parameter used to scale the magnitude of the
constraining potential; it will be varied from values around
1 (strong bias toward helical conformations) down to 0
(unconstrained iPP) in our simulations and plays a signifi-
cant role in our analysis.

Assuming that we have determined the equilibrium melt-
ing point, T, for a certain value of 1, how do we expect T},
to change, if we change A? The derivative (871,/04)|, = (3T m/
04)|,.q can be estimated through a straightforward thermo-
dynamic argument that is reminiscent of the Gibbs—
Duhem integration scheme proposed by Kofke.”*”® Instead
of modulating pressure, as in the Clapeyron equation
invoked by the original Gibbs—Duhem integration, here
we will modulate the parameter A1 entering the Hamilto-
nian of the system, under isobaric conditions. To our
knowledge, thisidea of capturing solid—liquid equilibrium
by simulation via continuous modulation of a parameter
entering the system Hamiltonian has not been proposed
before.
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In the presence of the constraining potential, the potential
energy function of the system becomes

C//mod(r; }') = G//tot (l‘) + A (//conshr (l‘) (9)

where 7’;(r) is the total potential energy of unconstrained
iPP, given by eq 1.
Consequently, the Hamiltonian of the constrained system is

W(l’, P; i) = (/1/(])) + G/}mt (l') + A c//(:()n:stlr (l') (10)

with %7 (p) being the kinetic energy as a function of the
momenta of the sites.

Thermodynamic properties within single-phase regions
can be derived from the fundamental equation in the Gibbs
energy representation, where the Gibbs energy G is related to
the isothermal—isobaric partition function Q y,r as

G(N,p,T;1) = — kgT In Qnp1s (11)

with

Ovpr = - [ dr dp expl— B (r.pi2)] expl(— fpV) 4V
0
(12)

and 8 = 1/(kgT). V, is an arbitrary volume’® that nondi-
mensionalizes Q y, 7. It is the same between liquid- and solid-
phase partition functions. More rigorously, a formulation
expressing G in terms of the stress tensor, as an integral over
the strain tensor, would be appropriate for the solid phase,
but we retain the formulation in terms of a single scalar
pressure p for simplicity and transparency.

From eq 11, the derivative of the single-phase Gibbs
energy with respect to any parameter A entering the Hamil-
tonian is

G 1 9
= = — kT Oy (13)
oA NopT Onpri 04
Furthermore, from eq 12
1 9Qnp1a
QNpT/I oA

_ Vio/dr dp dV{—ﬁ%} exp(— B (p,1; 1)) exp(— ppV)

Vio / dr dp dV exp(— A7 (p.x; 1)) exp(— fpV)

W

For our case (eq 10), eqs 13 and 14 yield

G

ﬁ = <(/,constr (r»NpT}. (15)

N,p, T

If, at some value of A, phase equilibrium has been established
between liquid (1) and solid (s) phases, the chemical potential
or, equivalently, the Gibbs energy per molecule, will be the
same between the two phases, each consisting of N (=96)
molecules:

/’{l(p’ T’i) = Aus(p’ T’l)’
o OWNp.T2) _ Gi(N.p.T.2)
N N ’
or Gi(N,p, T,A)— Gs(N,p,T,1) =0 (16)
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If we change the parameter 1 by a small amount dA and
maintain the phase equilibrium under isobaric conditions,
eq 16 will continue to hold. The equilibrium coexistence
temperature will shift by d7, such that

ad
(oWt -awpral  al,.,
N,p, T

9
+ {ﬁ [G(N.p, T.A) — Gs(N, p, T,/l)]} ATy peg = 0

N,p, 2
hence
{E[G(N T.2) = GyN.p. T /1)]}
g o a)' 1 ap’ £ S ,pa ’ N’p’T
oA N 0
pyeq — [Gi(N,p, T, A)— Gs(N,p, T, )]
T N,p, 2
(17)

where the subscript N has been dropped from the left-hand
side, recognizing that both T'and A are intensive properties of
the system. Now, from eq 15

{% [G{(N,p. T, %) — Gy(N, p, T,/l)]}

N,p, T
= < (/)L()nstr (r»NpT/l - <(//(S:<)nstr(r)>NpTl (18)

while

a
{87 [GI(N’I)’ Tal) - GS(Napa Tai)]}
N,p, A

= = Si(N,p, T,A)+ Ss(N,p, T, 1)

1 1
= 7 [_ HI(N,]), T,A) +HS(N,17, T,/l)] +7[G1(N,p, T’l)
= Gy(N,p, T, 2)] (19)

with S and H being the entropy and enthalpy, respectively.

At equilibrium, the last term on the right-hand side of
eq 191s 0, by eq 16. Furthermore, from the partition function
of'eq 12 applied separately to the solid and liquid phases, the
difference in enthalpies can be computed as

— H(N,p,T,A)+HN,p,T,A)

= = <{//1nod +pV1>N[)T/‘L + < {//fnod +[)VS>NI’T/I (20)

given that the mean kinetic energy is the same in both phases.
From eqs 17—20, taking into account eq 16, we finally
obtain

aT "
ﬁ = T{K (/)Lonstr>NpT/1 - <(/)20115c1->NpT/l]/[< (//ltot)NpT/l

pseq
(P onprn AT omsetnpTa = P SonsteINp72)

+ pUV Y npra = Vo nprall} (21)

Equation 21 can be used to predict how the melting tem-

perature will shift upon changing the coupling parameter A.

For this, two equilibrium single-phase simulations at N, p, T,
and A are needed. The liquid-phase simulation will yield
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(7 onseeonpras <" vodnpras and (V) 72, while the solid-phase
simulation will yield (7%} . Inp7as {7 tor)npr2> and (V) np72
as equilibrium ensemble averages.

Our computational strategy for obtaining 7, employs
three series of NpT MD simulations at progressively lower
A, therefore of T: one for a pure (periodically continuous in
three dimensions) solid phase, one for a pure liquid phase,
and one for a sandwich system of solid and liquid phases at
coexistence. All simulations are carried out at p = 1 bar, with
initial configurations generated as described in sections II1.D
and E. The strategy proceeds as follows:

1. Starting with 1 = A,,.x, simulate the sandwich system
under a variety of temperatures to pinpoint the equilibrium
temperature 7,,(4 = Anax), at which none of the subdomains
of the sandwich grows at the expense of the other. An equili-
brium temperature can be defined readily for this strong
constraining field, but it is, of course, too high in relation to
the actual melting temperature of the oligomer.

2. Simulate a pure crystal phase and a pure liquid phase at
the current value of 1 and at the equilibrium temperature
T1n(A) determined for it by use of the sandwich. Both single-
phase simulations should be stable, if the sandwich simula-
tions have been executed correctly. From these two simu-
lations, obtain (7, vz (Piodwprzs (V'wpra and
(P onsteInpTas {sotdnpTas V) Np12 @s ensemble averages.

3. Change the coupling parameter A by a small amount
AA < 0. Using eq 21, estimate the expected change AT},
in melting point expected as a result of changing A4, hence
the equilibrium temperature 7}, corresponding to the new
value of 4.

4. Conduct a sandwich simulation at the new value of
A and at the estimated value of the equilibrium temperature.
If one of the subdomains of the sandwich exhibits a tendency
to increase at the expense of the other, adjust the temperature
accordingly to achieve equilibrium.

5. Return to step 2.

In this way, an equilibrium curve is traced on the 7—1
plane. Continuation of this curve down to 4 = 0 yields the
equilibrium melting point of our polymer model. We em-
phasize that small steps in 4 must be taken, as eq 21 pre-
supposes equilibrium between the two phases. Step 4 above
has been designed precisely in order to correct errors in Ty,
introduced by the approximation of the derivative ineq 21 by
a ratio of finite differences.

IV. Results and Discussion

A. Force Field Validation and Properties of the Finite Molar
Mass Crystal. Our first priority before studying the crystal-
lization process was to verify that the force field was capable
of representing the ol monoclinic crystal structure of iPP.
Starting from the crystallographic data for the a1 phase, we
constructed a crystalline model configuration of infinite
molar mass chains without ends as outlined in section III.
A. The primary simulation box consisted of 8, 3, and 6 unit
cells along the a, b, and ¢ crystallographic directions. The
total potential energy 7’i.(r) of the model system (eq 1) was
minimized with respect to all site coordinates r in the primary
box at constant box edge lengths, using the steepest descent
method. Energy minimization brought about a small adjust-
ment of atomic coordinates, the root-mean-squared devia-
tion between crystallographic and energy-mimimized confi-
gurations being 0.243 A. Next, 2 4+ 20 + 2 + 20 + 20 ns long
MD simulations of the model system were conducted with
the Parrinello—Rahman method in the range of tempera-
tures of 250—550 K, keeping the system for 2 ns at each of the
temperature levels of 250 and 350 K, and heating it in 100 K

Macromolecules, Vol. 43, No. 12, 2010 5463

Table 5. Crystal Structure of 17mer System at 250 K

unit cell constants a (nm) b (nm) ¢ (nm) B (deg)
experiment” 0.663 2.078 0.650 99.5
simulation 0.664+£0.001 2.093 £0.001 0.655+£0.001 99.6

“a, b,and ¢ are the lattice parameters, and £ is the angle between ¢ and
a axes in the monoclinic al crystal.

intervals, each time for 20 ns. This range encompasses the
theoretical'” (~456 K) and experimental’® (~438 K) melting
point of iPP crystals. The orientational order of helical
chains in the system was preserved, and the lattice param-
eters stayed close to their crystallographic values. Even at the
highest temperatures simulated, the crystal did not collapse
into a liquid phase. Apparently, periodic boundary condi-
tions in the infinite chain model system were too confining
to allow melting to occur at the heating rate employed (com-
pare against behavior of oligomeric model system discussed
in section IV.B). A comparison between lattice parameters
obtained with our force field at 250 K and experimental
crystallographic values is given in Table 5. The final confi-
guration of the aforementioned MD run at 250 K was sub-
jected anew to energy minimization, to check whether atoms
would return to their initial positions at the minimum. This
did happen to an excellent approximation. These tests con-
vinced us that the simple force field described in section III.
A, developed for the description of amorphous and glassy
states of iPP,*? performs quite well in the crystalline state as
well.

B. Melting of the Oligomer Crystal. A crystalline config-
uration of 17mer chains in the ol phase, with the primary
box containing 96 chains, was prepared from the crystal-
lographic structure of the infinite molar mass crystal as
described in section II1.D. The energy of this configuration
was minimized with respect to atomic coordinates and with
respect to the length of the c axis, allowing different images of
the periodic lamella of helical macromolecules to adjust their
distance from each other. Energy minimization was per-
formed using the steepest descent method, with a maximum
force convergence criterion of 10 kJ/(mol nm) and initial step
size of 0.01 nm for atomic coordinates. In less than 1000 steps
the minimization converged, showing that the lamellar con-
figuration created by cutting the infinite chains is close to a
crystalline minimum of the system. The lamellar period
along the ¢ direction at the minimum was found equal to
3.93 nm. Next, the energy minimized al configuration of
oligomeric chains was used as initial configuration for a 2 ns
NpT MD simulation using the Nosé—Hoover thermostat
coupling®” and the isotropic Parrinello—Rahman pressure
coupling.® An isotropic pressure of 1 bar and a temperature
of 250 K were used in this simulation. The crystal structure
remained stable. The final configuration from this simula-
tion was used as input to an isobaric (p = 1 bar) heating run
using the “annealing” option of Gromacs. Temperature was
increased from 250 to 350 K at a rate of 5 K/ns. At 350 K the
system was simulated further in the NpT ensemble for
another 2 ns. Constancy of the total energy and its compo-
nents, as well as of the density, indicated that the system had
reached equilibrium in the solid state at 350 K. The system
was heated further from 350 to 450 K at a rate of 5 K/ns
under a pressure of 1 bar. For this stage of the heating run we
used the Berendsen anisotropic pressure coupling,” which
can better deal with quick oscillations in box dimensions that
are expected in the vicinity of the solid to liquid transition,
following the suggestions of the simulation package deve-
lopers. No first-order transition was observed in this range of
temperatures. Finally, the heating was continued at the same
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Figure 6. First-order melting transition, as detected by monitoring the
density during isobaric heating of the crystal of 17mer chains from 350
to 500 K. The simulation box contained 96 chains. The transition took
place around 466 K, close to the experimental melting point of real iPP
crystals. The thin straight lines were used to estimate the thermal
expansion coefficients in the solid and liquid states and the change in
density upon melting.

rate from 450 to 550 K. A discontinuous change in the
density and in the potential energy was observed at around
466 K, as seen characteristically in Figures 6 and 7, respec-
tively. An amorphous melt was the product of the first-order
phase transition. Its conformational, packing, thermody-
namic, and dynamical properties were found to be practi-
cally identical to those reported in our previous simulations
of molten iPP in the same temperature range.>

The temperature at which melting is observed in our
isobaric heating simulations is by ~10 K higher than the
equilibrium melting temperature estimated experimentally'’
for pure crystalline high-molar mass iPP. It is, however, by
roughly 120 K higher than®' the equilibrium melting point
of 17mer iPP. This significant overheating is caused by the
high heating rate employed in our simulations. Similar over-
heating effects have been reported before in connection
with melting simulations of simpler molecules, as discussed
above.'*1%% A more reliable estimate of the equilibrium T},
for our 17mer is obtained through the new computational
scheme we outlined in section III.F. Results from that
scheme are presented below in sections IV.C and IV.D.

Despite our overestimation of the melting temperature,
it is useful to extract some key thermodynamic proper-
ties characteristic of the crystal and melt states and of the
phase transition between them from our isobaric heating
simulations.

From Figure 6, the thermal expansion coefficient in the
crystal (350—450 K) is found to be 3.40 x 10"* K !, while the
experimental”’ one is 3.45 x 10~* K~ '. The thermal expan-
sion coefficient in the melt is 10.1 x 10™* K™, while the
experimental”® one is 8.0 x 10~* K~ '. The change in density
upon melting from the results plotted in Figure 6 is Ag,sp =
o — ps = —140 kg/m3 , while the experimental Agp, con-
sidering the density of the crystal at 300 K, the thermal
expansion coefficient of the crystal, and the density of the
melt phase at 459 K., is estimated as —139 kg/m>. The heat of
fusion ApH = Hy — Hg from Figure 7 is estimated as 135 kJ/
kg, while the experimental’”® one for a semicrystalline ma-
terial is reported as 110 kJ/kg and for pure crystal® as 138 kJ/
kg. The heat capacity in the crystal and melt states, from
the low- and high-temperature slopes of the lower part of
Figure 7, is 3.57 and 3.91 kJ/(kg K), respectively, with the
corresponding experimental®! values being 2.42 and 2.73 kJ/
(kg K), respectively. The Ac, between the melt and crystal
state from simulation is found to be 0.34 kJ/(kg K), while
from experiment it is 0.31 kJ/(kg K). Note that heat capacity
values are not expected to be accurately determined from our
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Figure 7. First-order melting transition, as detected by monitoring the
potential energy and the internal energy (sum of potential and kinetic
energies) during isobaric heating of the crystal of 1 7mer chains from 350
to 500 K. The thin straight lines were used to estimate the heat capacities
in the solid and liquid states from the bottom plot and the heat of fusion
from both plots.

MD simulations, which treat vibrations classically with a
united-atom representation of methyl groups and a simpli-
fied bonded potential. Nevertheless, the difference Ac, in
heat capacity between liquid and solid is estimated quite rea-
sonably by our simulations. In the solid phase, our classical
simulation should yield the Dulong—Petit value of 3R per
Avogadro’s number of interaction sites present. Indeed, our
simulation estimate of the heat capacity from the slope of the
enthalpy—temperature curve in the crystal is 245.6 kJ /(K mol
simulation boxes). Our simulation estimate from fluctua-
tions in the instantaneous enthalpy’® is 250.8 kJ/(K mol
simulation boxes) at 250 K and 247.4 kJ/(K mol simulation
boxes) at 350 K. These simulation estimates should be com-
pared to the theoretical (Dulong—Petit) one of [3(101 x 96) —
6]R = 241.8 kJ/(K mol simulation boxes); the simulation box
contained 96 chains, each consisting of 101 interaction sites,
and six degrees of freedom must be subtracted because the
energy is invariant to overall translation and rotation of the
box. The constancy of the internal energy (potential energy
plus kinetic energy) of the crystal during our simulations at
250 and 350 K and the conformity of our crystal simulations
to the Dulong—Petit law are displayed in Figure 8. Note that
the pV contribution to enthalpy was negligible, in compar-
ison to the internal energy, under the conditions examined
here.

C. Crystallization in the Presence of a Constraining Poten-
tial. The first attempt we made to crystallize the system was
to reverse the isobaric heating MD process described above.
Using liquid configurations obtained from melting at 470—
480 K as initial configurations, we conducted MD simula-
tions of duration 20 to 100 ns at a variety of temperatures
between 480 and 250 K. No appreciable ordering was found
to occur in any of these simulations. At the high end of this
temperature range the melt chains were quite mobile but
exhibited no propensity to adopt helical conformations and
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Figure 8. Internal energy of the crystal structure per mol of simulation
boxes, evaluated as the sum of potential and kinetic energies, at 250 and
350 K. The double-headed arrow shows the theoretical value for the
difference in internal energy expected between the two temperatures
based on the Dulong—Petit law, 241.8 AT kJ/(mol boxes), with 7'in K
(please see text for details).

pack into a crystalline phase. On the other hand, at the low end
of this temperature range, which encompasses 7, molecular
motion became very sluggish. The center-of-mass diffusivity
of chains dropped precipitously, as expected from Vogel—
Fulcher or WLF-type equations.>® Short helical sequences
were observed to form in isolated chains but were unable to
propagate through the melt. The effort to crystallize by
isobaric cooling of the melt was therefore abandoned, con-
cluding that, even for 17mer iPP, the nucleation rate of the
crystalline phase from the melt is too low for nucleation to be
observed by “brute force” MD.

Next, sandwich model structures were formed as described
in section III.D, each structure consisting of 192 17mer
chains divided equally between the crystalline and melt
subdomains. 20—40 ns long NpT MD simulations of the
sandwich structures were undertaken at a variety of tem-
peratures, to see whether melt chains would crystallize onto
the crystalline faces of the lamella in the sandwich at low
temperatures. Again, no appreciable signs of spontaneous
crystal growth were observed. At low temperature, the
lamellar faces did act as a template inducing weak orienta-
tion in the nearby melt chains, but this ordering was unable
to propagate through the system because of the sluggish
segmental dynamics. We concluded that crystal growth in
17mer iPP is too slow to be captured by “brute force” MD
simulation, at least based on the force field we employed.

In order to overcome the difficulties described above, we
decided to help the crystallization process by introducing a
constraining potential that encourages helical conforma-
tions in the polymer. The potential of eq 8§ was developed,
and sandwich simulations with the modified force field of
eq 9 were undertaken. This potential is, of course, compatible
with the conformations adopted in the crystalline state,
which it is designed to mimic. It causes the chains to become
much stiffer, however, and brings about significant changes
in the conformational distribution of the melt. To prevent
the MD simulation from becoming unstable, the constrain-
ing potential was introduced gradually. First, an energy-
minimized, compacted sandwich system was simulated at
350 K and 1 bar for 20 ns in the Np.,beT ensemble in the
absence of any constraining potential, using anisotropic
pressure coupling. In all simulations described in the follow-
ing, the Nosé—Hoover®’ thermostat was used. In this initial
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Figure 9. Crystallization of sandwich system during the last 20 ns of
simulation at 520 K subject to a constraining potential with A = 0.3 in
the melt and A = 1.194 in the crystalline subdomains, as stated in the
text. Here are shown configurations after (a) 3 ns, (b) 7 ns, and (c) 9 ns of
simulation.

simulation, the dimensions of the sandwich along the band ¢
directions were kept fixed, as the crystal atoms were pre-
vented from moving in these directions. Next, the tempera-
ture of the sandwich system was raised to 400 K, while
starting to impose the constraining potential on the melt
subsystem with A = 1/30. MD simulation at this A value was
conducted for 7 ns, after which A was raised to 0.10 and the
simulation continued for 8 ns. 14 ns of simulation at a value
of A = 0.3 imposed on the melt followed, still at 400 K. Next,
the temperature was raised to 440 K, still at A = 0.3, and the
sandwich system was simulated for another 10.7 ns. At this
point, the pressure coupling was changed from anisotropic to
isotropic and the Berendsen barostat®® was invoked. The
crystal subsystem was released, i.e., allowed to move in all
three directions, subject to a strong constraining potential
(4 = 1.194). Chains of the melt subsystem, on the other hand,
continued under 4 = 0.3, while the temperature was raised to
520 K. Under these conditions, the sandwich system crystal-
lized completely in ~20 ns. Configurations of the system
collected in the course of these last 20 ns are shown in Figure
9. In addition, a video of the crystallization is provided in
part B of the Supporting Information.

A second set of sandwich simulations employing the con-
straining potential was undertaken to obtain polycrystalline
structures. This second set was started from the configuration
obtained after 10.7 ns of equilibration at 440 K and A = 0.30
with chains in the crystalline subdomain frozen along the b
and ¢ directions and anisotropic pressure coupling. Instead of
removing the freezing from the crystal chains, as described
above, we raised the temperature to 460 K, while increasing
the coupling parameter on the melt chains to 4 = 1.194. With
these settings, we let the simulation evolve for 20 ns. Next, we
increased the temperature from 460 to 480 K and allowed the
simulation to run for another 20 ns. The abrupt increase in
stiffness of the melt chains caused them to form a crystalline
nucleus of different orientation in part of the melt subsystem.
Reorientation of this nucleus to match the orientation of the
preexisting crystalline domain was not possible due to the slow
melt dynamics at that temperature. A polycrystalline mor-
phology resulted, which is discussed in section I'V.E.
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Figure 10. Order parameter P, as a function of time for a sandwich
system subject to the constraining potential (1 = A,,,x = 0.3)in both the
melt and crystal domains (a) at 757 K; at this temperature, the entire
system crystallizes; the order parameter is reaching a plateau value of
0.97 (b) at 758 K;; here, the order parameter drops to values around zero,
showing that the entire system ends up in the melt (amorphous) state.

D. Prediction of the Melting Point via Gibbs—Duhem Inte-
gration. After crystallization of the sandwich system at 520 K
following the first set of simulations described in section IV.
C, we reduced the constraining potential to A = 0.3 every-
where. Upon continuing the MD run, the system remained
fully crystalline, indicating that its equilibrium melting point
is higher than 520 K at this 4 value. Next, we sought to
determine the equilibrium melting point of our constrained
model under A = 4,,,,x = 0.3. To this end, we took a partially
crystalline configuration at 9.5 ns out of the last 20 ns of the
520 K crystallization run described in section I'V.C. In this
configuration, the melt subdomain was approximately half-
way crystallized. The configuration was subjected to NpT
MD simulations at progressively higher temperatures, above
520 K. It proceeded to crystallize completely at all tempera-
tures below 757 K. On the other hand, at temperatures from
758 K on, melting was found to take place in the same sand-
wich configuration, quickly converting it entirely into an
isotropic phase. The value of T;,(1=0.3) = 758 £ 1 K was
thereby established for the equilibrium melting temperature
at A = 0.3. This value is, of course, extremely high in relation
to the melting point of real iPP because of the strong helix-
inducing constraining potential imposed on the system.

The evolution of the structure of the system during crystal-
lization and melting at these two nearby temperatures can be
seen characteristically in the orientational order parameter
P», calculated via the equation

1
Polt) = S (cos? 0(1)) — + (22)
2 2
where cos 6 is defined as
C-ri7
cos ) = ——— 23
[lrr] (23)
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Here, c is the unit cell vector along the axis of the crystal
chainsandri; =rc,_ ,— IC,., is the vector between any two
backbone carbon atoms along the same chain that are three
monomer units (six skeletal bonds) apart from each other.
Results from calculating the order parameter of the 4 = 0.3
system at 757 and 758 K are shown in Figure 10a,b. The reader
should note how much more quickly melting is achieved in
relation to freezing. At 758 K, the order parameter drops from
an initial value of roughly 0.82, characteristic of the partially
ordered initial configuration, to 0 (fully disordered state) in
less than 1.5 ns. On the contrary, at 757 K, it takes ~4 ns for
the order parameter to rise from the same initial value to
0.97, signaling practically full crystallization.

Having established the equilibrium melting point at 4 =
Amax = 0.3 (step 1 in the algorithm of section III.F), we now
proceed to track the 7,,(1) curve down to A = 0 and thereby
establish the equilibrium melting point of our model 17mer
iPP. To this end, we implement steps 2—5 of the algorithm
outlined in section III.F. The slope (87/04), ¢q is estimated
via eq 21 from pure liquid and pure crystal simulations at
T and A. The coupling parameter is reduced in small steps,
AZ, and the value of Ty, at each new A is estimated via AT =
(0T /dA)|,.eqAA. This procedure is quite sensitive to the value
of Al used. Evenif (4, T},) is a true equilibrium pair, taking a
large step A4 along the tangent of the 7,,,(4) curve may result
in (A + AA, Ty, + AT) no longer corresponding to equilibri-
um. The more nonlinear the 7,,(1) relation is, the more
serious the integration error and the smaller the step size
A that has to be used. This discretization error associated
with our use of a finite difference estimate for the derivative
(0T /9)|,.q requires checking, at least periodically, whether
the (4, T,,) pairs obtained through the Gibbs—Duhem
integration indeed constitute equilibrium pairs. This check
and revision, if necessary, is accomplished in step 4 of the
algorithm outlined in section III.F.

Figure 11 shows results for the 7},,(1) curve obtained via
Gibbs—Duhem integration/equilibrium sandwich simula-
tion with various A4 step sizes. The curve becomes extremely
nonlinear at low A values, as the limit of real iPP is approached.
In this region, small A4 steps have to be used, and corrections
via the equilibrium sandwich simulation become essential. At
the same time, sandwich simulations are not easy, as dynamics
becomes sluggish at low temperature.

Our best estimate of the equilibrium 7, for the oLl phase of
17mer iPP based on our interaction potential is 7,,, = 375 K.
Our experience showed that, for values of A lower than 0.05,
the smaller the step size A/ is, the better the estimation of the
melting point obtained. Small step sizes, however, increase
the computational effort considerably. In view of this, we
expect the true melting point of our model to be slightly lower
than the one we found here. Our estimate of 7,,, = 375 K com-
pares favorably with the experimental value of T3, = 348 K
extracted for 17meric iPP based on the experimental data of
T as a function of molar mass provided in Table 1 of ref 61.

E. Nucleation in the Presence of the Constraining Potential.
Our motivation for generating and simulating the sandwich
system was to study the secondary crystallization process
(crystal growth) because the kinetics of this process is much
faster, and the free energy required for new chains to attach
to the crystal/melt interface is much lower, making the whole
process much more rapid than nucleation. Yet, while trying
to crystallize our sandwich system under various conditions,
as detailed in sections IV.C and IV.D, we came across
interesting phenomena involving the development of a poly-
crystalline subsystem in place of the preexisting amorphous
region. The presence of more than one crystal grains with
different orientations, and of boundaries between them, was
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Figure 11. Gibbs—Duhem integration diagram. With the diamond markers are shown results from the sandwich simulations establishing the 7(4) at
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Figure 12. Nucleated system containing crystallites of different orien-
tations, viewed from different sides: Top, along the b direction of the
originally present crystalline region; Bottom: down the ¢ direction of the
originally present crystalline region. Encircled are various parts which
have crystallized from the melt, viewed down their chain axes. Crystal-
line domains have emerged, whose orientation is different from the one
of the original crystalline subsystem.

obvious. Clearly, crystallization in the presence of our con-
straining potential did not consist exclusively of growth off
of the preexisting lamellar facets but included some homo-
geneous nucleation in the melt phase. Here we provide a
pictorial representation of a polycrystalline structure ob-
tained, showing only the backbone carbon atoms for clarity,
in order to enable the reader to distinguish the different
crystal layers of helical macromolecules. This structure was
formed through the second set of simulations described at
the end of section IV.C. The reader can see different views of
the final polycrystalline configuration in Figure 12. In addi-
tion, a video showing different aspects of this polycrystalline
system is provided in part C of the Supporting Information.

The reader may discern the presence of multiple crystal
domains even in the first set of sandwich crystallization
simulations. In Figure 9a, for example, an ordered nucleus

has formed in the top right-hand side of the melt region, close
to the interface with the pre-existing crystal. This nucleus,
however, has the same orientation as the pre-existing crystal
and is quickly engulfed by the growing crystal front. Under
the conditions of the first set of simulations, a monodomain
ultimately develops (see also video in Supporting Informa-
tion, part B).

V. Conclusions

In this paper we have used atomistic molecular dynamics
simulations to study melting and crystallization of a1 oligomeric
isotactic polypropylene. A force field developed in the past for the
melt state was shown to have a minimum near the crystal-
lographic structure of the ol crystal. A way of forming crystalline
phases of finite molar mass (in our case, consisting of 17mer
chains) from a model crystal of infinite molar mass (with no ends)
was designed and implemented. The change in specific volume
upon melting and the heat of fusion were estimated from the
simulations in good agreement with experiment. A novel method
was devised to capture the equilibrium melting temperature,
overcoming the great difficulties arising because of slow dyna-
mics in the melt, which hamper crystal nucleation and growth.
This method employs a constraining potential which encourages
melt chains to adopt helical conformations, such as those en-
countered in the crystal. Solid—liquid equilibrium is established
unequivocally in a sandwich structure consisting of both liquid
and crystalline subdomains when the orienting field is strong.
This equilibrium is used as a starting point within a Gibbs—
Duhem integration scheme that tracks the melting point as a
function of the strength of the constraining potential, down to
zero constraining potential. The Gibbs—Duhem integration is
based on ensemble averages accumulated in the course of single-
phase crystal and melt simulations. In parallel, equilibrium
simulations of the sandwich structure are used to check the extra-
polations of the Gibbs—Duhem integration and correct them, if
necessary. An equilibrium melting temperature of 375 K is esti-
mated for the ol phase of 17meric iPP, in reasonable agreement
with existing experimental evidence.®' The use of an orienting
field was found to accelerate not only growth but also homo-
geneous nucleation in the melt phase, leading to polycrystalline
domains in some computer experiments.
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